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a b s t r a c t

Fe76.5Cu1Si13.5B9 alloy rods with a diameter of 3 mm were fabricated using the copper mold suction casting
method. Structural characterization revealed that different parts of the rods have different microstruc-
tures that comprise a complete amorphous structure, an amorphous-crystalline composite structure and
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a complete crystalline structure. Compression and nanoindentation testing showed that the hardness,
strength and elastic modulus of the alloy increase with the crystalline component. High crack propagation
rate and narrow shear bands contribute to the local melting and softening for the complete amorphous
structure although it exhibits the lowest calculated value of the static elastic energy density.

© 2011 Elsevier B.V. All rights reserved.
echanical properties

. Introduction

Fe-based bulk metallic glasses (BMGs) have attracted extensive
nterest in recent years for applications as magnetic and struc-
ural materials due to their excellent magnetic properties [1,2],
igh corrosion resistance [2,3] and mechanical properties [1,4].
ompared to many other BMGs, such as Zr-based or Pd-based
MGs, however, the poor glass-formation ability (GFA) substan-
ially limits the size, and thus the applications of Fe-based BMGs.
t is well known that partial substitution of Co atoms for Fe atoms
n Fe-based nanocrystalline alloys increases substantially the soft

agnetic properties [5,6]. However, the substitution of Co for Fe
emarkably increases the cost of the materials. Recently, Ohta
nd Yoshizawa successfully developed nanocrystalline Fe–Cu–B
nd Fe–Cu–Si–B alloys with excellent soft magnetic properties
hrough the crystallization of amorphous ribbons prepared by a
ingle roll melt spinning process [7]. The substitution of Cu and
i for Fe plays an important role in improving the soft magnetic
roperties. Although previous data showed that the addition of
small amount of B or Si to the Pd–Cu–Si [8] and Fe–C–Si [9]
ystems can increase the GFA, the size of Fe-based BMGs with
and Si additions is still limited, which prevents many practi-

al applications of the BMGs. It is therefore important to consider
lternative Fe-based structures, e.g., BMG/nanocrystalline compos-

∗ Corresponding author. Tel.: +86 731 88877880; fax: +86 731 88710855.
E-mail address: Min.Song.Th05@Alum.Dartmouth.ORG (M. Song).

925-8388/$ – see front matter © 2011 Elsevier B.V. All rights reserved.
oi:10.1016/j.jallcom.2011.03.103
ites or nanocrystalline structures, with excellent magnetic and
mechanical properties.

It has been well known that, in addition to alloy composition,
the cooling rate from a molten alloy is also critical in producing an
amorphous structure. In most situations, with the reduction of the
cooling rate, the resulting structure transforms gradually from an
amorphous structure to an amorphous/nanocrystalline composite
and then a complete crystalline structure. This structural change
unavoidably affects significantly the mechanical properties [10].
Therefore, it is expected that different parts of a Fe-based alloy rod
produced by the copper mold suction casting method would have
different structures and consequently different mechanical prop-
erties because of the variation in the cooling rates at the different
parts of the alloy rod. In this study, we fabricated Fe76.5Cu1Si13.5B9
rods using the copper mold suction casting method, investigated
the structures and mechanical properties at different parts of the
rod, and discussed the relationship between the structures and
mechanical properties of the material. The purpose of this paper
was to reveal the effect of crystallization on the mechanical prop-
erties of the material.

2. Experimental

Master alloy ingots with the nominal composition of Fe76.5Cu1Si13.5B9 (atomic

percentage) were prepared by arc melting high-purity Fe (99.9%), B (99.9%), Si
(99.99%) and Cu (99.99%) in a Ti-gettered high-purity argon atmosphere. The ingots
were re-melted five times and stirred by a magnetic beater to ensure its composi-
tional homogeneity. Four cylindrical rods with a length of ∼60 mm and a diameter
of 3 mm were prepared by suction-casting into a water-cooled copper mold. Three
parts, named P1, P2 and P3 (see Fig. 1 for details), of each rod were cut from the

dx.doi.org/10.1016/j.jallcom.2011.03.103
http://www.sciencedirect.com/science/journal/09258388
http://www.elsevier.com/locate/jallcom
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ig. 1. An image of a typical fabricated Fe76.5Cu1Si13.5B9 rod and the corresponding
hree tested parts.

asted rods using a low speed diamond saw. The length of each part is 6 mm. Three
lices with the thickness of about 0.5 mm were cut off from each part for struc-
ural characterizations and for nanoindentation testing. The rest of each part with a
eight of 4.5 mm was served for uniaxial compression tests. Structural characteriza-
ions were carried out using a Dmax 2500VB X-ray diffractometer (XRD) with Cu-K�
adiation, a JSM-6360LV scanning electron microscope (SEM) and a JEOL 2100F field
mission transmission electron microscope (TEM). The nanoindentation testing was
erformed using an Ultra Nanoindentation tester with a load as high as 10 mN and
loading rate of 20 mN/min. Uniaxial compression tests were conducted using an

nstron-3369 testing machine at a compression strain rate of 1 × 10−6 s−1. The frac-
ure surfaces of the specimens after compression were studied using an FEI Nano230
EM.

. Results and discussion

.1. Microstructures

Fig. 2 shows the XRD patterns of P1, P2, and P3, clearly indicat-
ng that (1) P1 (the top part of a rod) has a complete amorphous
tructure with no detectable reflection peaks; (2) P2 is a mixture
f amorphous and crystalline structures. Indexing of the diffrac-
ion peak from P2 indicates that the crystalline phase corresponds
o the body-centered cubic (bcc) �-Fe (Si) [11,12]; and (3) P3
as a complete crystalline structure with bcc �-Fe (Si), body-
entered tetragonal (bct) Fe3B and bct Fe2B phases [13,14]. The
hase transformation for a whole rod can be described as: amor-
hous → amorphous + �-Fe → �-Fe + Fe3B + Fe2B.

The difference of the structures in the same casting rod is caused
y the difference of the cooling rate during the casting process. The
omplete amorphous structure formed at a cooling rate above a

ritical value, below which a mixed amorphous/crystalline struc-
ure was produced. Further decrease of the cooling rate resulted
n the formation of a complete crystalline structure. During the
uction-casting process, the initial cooling rate was very high

Fig. 2. XRD patterns of the three tested parts.
mpounds 509 (2011) 6603–6608

that formed an amorphous structure, and then the cooling rate
decreases during the casting process. Four possible reasons con-
tribute to the variation of the cooling rate during the casting
process. First, the temperature of the copper mold increases as the
molten liquid has been suction-casting into the mold. Second, the
heat transfer is reduced because of the volume change of the molten
liquid and the loss of contact between the copper mold and the
undercooled liquid [15]. Third, solidification of the former molten
liquid releases latent heat of fusion, which decreases the local cool-
ing rate of the remaining molten liquid. Once some nuclei form, they
act as heterogeneous nucleation centers accelerating the nucle-
ation and the growth processes of crystalline phases. Fourth, the
crystallization process modifies the composition of the remaining
matrix, which also affected the GFA. From Fig. 2, it is clear that �-Fe
is the starting nucleated crystalline phase in the Fe76.5Cu1Si13.5B9
alloy, and Fe3B and Fe2B are the subsequently formed crystalline
phases.

Fig. 3a shows a bright-field TEM image of P1 and its correspond-
ing selected-area electron diffraction pattern, which confirms the
complete amorphous structure. A typical SEM image of P2 in Fig. 3b
shows the co-existence of two phases, which, according to the XRD
data in Fig. 2, are the amorphous phase and the crystalline bcc �-
Fe phase. Careful examination of the SEM image shows some tiny
precipitates with dark contrast and sizes of a few nanometers to
tens of nanometers distributed uniformly inside the �-Fe phase.
High-resolution TEM images of the �-Fe phase in P2 suggests that
the precipitates are Fe2B as the measured interplanar distances in
the precipitates matched that of Fe2B. Fig. 3c shows an example
of a small sized (∼5 nm) Fe2B particle with an inter-planar dis-
tance of ∼1.15 Å (note that the inter-planar distance of Fe2B (240)
plane is 1.143 Å) in the bcc �-Fe matrix. Because of the small vol-
ume fraction of the Fe2B phase in P2 and the limited sensitivity
of the XRD technique, the Fe2B phase in P2 was not detected by
XRD, as shown in Fig. 2. A bright-field TEM image of P3 and its
corresponding selected-area electron diffraction (SAED) pattern,
shown in Fig. 3d, suggest that P3 has a complete crystalline struc-
ture with two co-existing phases – ultrafine-grained bcc �-Fe with
grain sizes of 50–200 nm and very small Fe2B precipitates (some
are indicated by arrows in Fig. 3d) distributed uniformly inside the
�-Fe grains. It should be noted that no obvious diffraction spots of
Fe3B could be found in the SAED pattern. Previous studies [11,12]
indicated that bcc �-Fe(Si) is the first crystallized phase during the
crystallization process of amorphous Fe–Si–B alloys if the atomic
concentration of B is less than 17%, followed by the crystallization
of the metastable Fe3B compound, which later decomposes to the
bcc �-Fe and Fe2B phases either at a higher temperature or during
long time annealing at the same temperature. In this work, since
the suction-casting process is so fast that there is no enough time
for all the metastable Fe3B particles to decompose to Fe2B and �-Fe.
Thus, some of the Fe3B particles still exist in P3. These Fe3B parti-
cles can be detected by XRD, since XRD examines the macro-scaled
phases of the material. On the other hand, SAED is conducted in a
micro-scaled area, and the selected area in Fig. 3d may not include
Fe3B particles by chance. The other possible reason might be due
to the preparation of TEM specimens, which requires some time
and may increase the temperature of the samples, resulting in the
complete decomposition of the metastable Fe3B phase to Fe2B and
�-Fe.

3.2. Mechanical properties
Fig. 4 shows typical compressive stress/strain curves of P1,
P2, and P3 with the elastic/plastic transition points indicated by
arrows. P1 exhibits fracture strength of 2575 MPa, an elastic strain
of ∼0.77% and a plastic strain of ∼0.69%. This result is consis-
tent with the previous report of Fe-based BMG [4] that exhibits
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ume fraction of the crystalline phases in the alloy, since the fracture
ig. 3. (a) A TEM image and the corresponding selected area diffraction pattern of P1
EM image of a bcc �-Fe crystal in P2, showing a nanocrystalline Fe2B in the �-Fe
howing a complete crystalline structure.

igh fracture strength in conjunction with some plastic strain. The
tress/strain curves of P2 and P3 show similar features, including a
mall elastic deformation regime followed by some compressive
lastic strain prior to failure. The compressive plastic strain for
2 and P3 is 0.94 and 1.21%, respectively. It should be noted that
he generation of plastic strain for the complete amorphous struc-
ure (P1) results from the high density of the free volumes in the
morphous matrix which nucleate a large number of shear bands
uring compression. On the other hand, the plastic deformation for

morphous/crystalline composite structure (P2) is due to (1) the
xistence of a high density of free volumes in the remaining amor-
hous matrix, as shown in a previous study [16], (2) nano-sized
e2B (Fe3B) particles uniformly distributed inside the �-Fe phase,
nd (3) the densely packed structure at the amorphous/crystal

Fig. 4. Compressive stress–strain curves of P1, P2 and P3.
ing a complete amorphous structure, (b) an SEM image of P2, (c) a high-resolution
al, (d) a TEM image and the corresponding selected area diffraction pattern of P3,

interface caused by the low liquid/solid interfacial energy [17]. It
should be noted that the densely packed structure at the amor-
phous/crystal interface can help decrease the nucleation of cracks
and nucleate second shear bands during deformation. It is worth
to note that annealing-induced embrittlement, which has been
discovered previously in Fe–Ni–Zr, Fe–Si–B and Fe–B–C systems
[10,18], was not observed in this work. One important issue that
should be noted is that the fracture strength increases with the vol-
strength of three parts satisfies P3 > P2 > P1.
Fig. 5 shows typical load–displacement (P–h) curves obtained

by loading and unloading during nanoindentation tests. The load-
ing part of the curves of P1, P2 and P3 are relatively smooth without

Fig. 5. Nanoindentation load–displacement curves of P1, P2 and P3. The nanoin-
dentation tests were performed with a load as high as 10 mN and loading rate of
20 mN/min.
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Fig. 6. SEM fracture surface images of (a) P1, (b) P2 and (c) P3 after compression.
606 Y.Y. Sun et al. / Journal of Alloys a

bvious pop-in event. Wright et al. [19,20] concluded that each pop-
n corresponds to the operation of a single shear band that quickly
ccommodates the applied strain in BMG, and larger pop-in dis-
lacement corresponds to greater shear displacements within the
hear band. The absence of pop-in for P1 and P2 is due to the small
ize of shear bands (less than 1 �m, see the compressive fracture
urfaces in Fig. 6a and b). Another possible reason is the simultane-
us operations of multiple shear bands with different orientations,
hich propagate to different directions from the fracture surface
icrographs (see the compressive fracture surfaces in Fig. 6a and

). In addition, it is possible that the loading rate (20 mN/min) in
his work was too high to generate serrated flow, as shown by
chuh and Nieh [21]. New experiments at low loading rates will
e conducted to confirm this hypothesis. For complete crystalline
lloys, pop-in displacement is assumed to be evidence for the acti-
ation of dislocation sources in adjacent grains [22]. Compared to
he study of Yang and Vehoff [22], this study did not observe any
bvious pop-in event in P3, which contains ultrafine-grained �-
e and nano-sized Fe2B (Fe3B) particles. There are two possible
easons for the discrepancies between the present work and the
ork of Yang and Vehoff [22]. First, the plastic deformation dur-

ng the indentation of our samples was accommodated by many
mall grains instead of the only one grain, and thus there was no
nough dislocations pile up in any single grain to interact directly
ith the gain boundaries. Second, uniformly distributed nano-Fe2B

Fe3B) particles can continuously harden the ultrafine-grained �-Fe
atrix, thus the pop-in phenomenon caused by dislocation/grain

oundary interaction might be concealed.
The mechanical properties of P1, P2, and P3 are summarized in

able 1. It is clear that the fracture strength, elastic modulus, and
ardness of the alloy increase with the volume fraction of crys-
als in the alloy. It should be noted that the mechanical properties
f the amorphous/crystalline composite (P2) depend strongly on
he crystalline bcc �-Fe phase. In the P2, the precipitation of bcc
-Fe particles results in the segregation of a large number of the
ther solute elements (Cu, Si, B) to the amorphous matrix [23] and
ight cause strengthening due to the impingement of solute dif-

usion profiles around the crystallites [24]. On the other hand, the
omogenously distributed �-Fe particles can act as barriers against
he shear displacement in the amorphous matrix due to strain accu-

ulation around the particles during the shear-band propagation.
t has been shown that P3 contains ultrafine-grained bcc �-Fe (grain
ize of 50–200 nm) and nano-sized Fe2B (Fe3B) particles distributed
nside the �-Fe grains, which substantially increases the strength
nd ductility, compared to a single-phase structure [25]. Small grain
ize of the �-Fe generates a large volume fraction of the grain
oundaries. Thus, the mechanical properties can be substantially

mproved by the inhibition of the dislocation movements due to
he small grain size, large volume fraction of the boundaries and
he hard Fe2B (Fe3B) particles.

The results of the mechanical properties in this work are con-
istent with the previous study [26] on a Fe78B13Si9 alloy, since
he mechanical properties of nanocrystalline Fe78B13Si9 alloy are
reater than those of the amorphous alloys. However, it should be
oted that some researches indicated that the mechanical prop-
rties of some amorphous systems, including Fe–Ni–Zr [10] and
e–C–Si [23], decrease with the increase of the volume fraction of
rystalline phases.

.3. Compressive fracture surfaces
Previous investigations showed that the fracture of BMGs usu-
lly proceeds along a shear plane declined by ∼45◦ to the direction
f the applied load under uniaxial compression test, exhibiting a
ell-developed vein-like pattern on the fracture surface [27]. In

ontrast, all the specimens in this work broke into tiny pieces with
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Table 1
Mechanical properties of the tested three parts of Fe76.5Cu1Si13.5B9 rods.

Position Fracture strength (MPa) Nanoindentation

Vickers hardness Hardness (GPa) Young’s modulus (GPa)

P1 2575.6 ± 111.5 932.0 ± 92.1 10.1 ± 1.0 240.9 ± 5.7
P2 2752.7 ± 312.4 1076.9 ± 165.4 11.6 ± 1.7 247.4 ± 20.0
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P3 3128.7 ± 93.0 1143.9 ±

he size of 50 �m–1 mm, indicating a typical brittle fracture mode.
his fracture mode was also observed by Chen et al. [28] and Zhang
t al. [29]. Chen et al. noticed that a large number of the cracks
ucleate simultaneously and propagate along variously separate
lanes under sufficiently high stress [28]. The intersection of the
racks with different directions results in an increased stress con-
entration (note that stress concentration also occurs at crack tips
ven without the intersection of the cracks). Final fracture would
appen in an “explosion” way when the stress was released, with
he specimen breaking into tiny pieces.

Fig. 6 shows the SEM micrographs of the compressive fracture
urfaces of the three parts of the Fe76.5Cu1Si13.5B9 rods. It is clearly
een from Fig. 6a that the fracture surface of P1 consists of a high
ensity of the small shear bands (see the inset in Fig. 6a), normally
arallel to the different crack propagation directions, revealing a
roper plastic flow. The fracture surface of P2 in Fig. 6b contains two
ifferent fracture zones, one of which is similar to Fig. 6a (marked
s B) and is corresponding to the amorphous structure, while the
ther shows a typical fragmentation of the �-Fe phase (marked
s A) due to the high stress concentration during deformation.
he fragmentation of the �-Fe phase due to the high stress con-
entration decreases the plastic deformation ability, since cracks
re easily nucleated. This mixed fracture mechanism is caused by
he coexistence of the amorphous phase and �-Fe crystals. During
ompression, shear bands nucleate and propagate in the amor-
hous phase. Once the shear bands encounter the �-Fe crystals,
heir propagation is inhibited and high stress concentration is thus
pplied on the �-Fe crystals to cause the fragmentation of the �-Fe
rystals and the cracks are nucleated. Fig. 6c shows the fracture sur-
ace of P3 after compression. The fracture surface of the ultrafine
rained �-Fe phase (strengthened by nano-sized Fe2B (Fe3B) parti-
les) shows obvious brittle features. The deformation mechanism of
3 is not clear at this stage. Nano-sized Fe2B (Fe3B) particles should
ave played a very important role in strengthening P3 since they
an effectively pin dislocations. It should be noted that the mechan-
cal behaviors of P3 are similar to many nanocrystalline materials
uch as nanocrystalline copper and nickel, for which a extremely
igh fracture strength and low ductility have been observed [30].

It should be noted that the fracture pattern in zone B in Fig. 6b
inset with high resolution in Fig. 6b) can be described as a menis-
us pattern (see arrow 1). The formation of the meniscus pattern is
aused by Taylor instability [31,32], which is associated with the
endency of a fluid meniscus with a positive pressure gradient,
ropagating in the direction of its convex curvature, to break up

nto a series of fingers. The process is considered to generate the
atterns in zone B with a meniscus top and a long inserting depth
s the material between the fingers necks (see arrow 2) down to
ailure. The fracture surface in Fig. 6a (for P1) shows similar pat-
ern to zone B in the Fig. 6b, but the density of meniscus pattern
s larger, indicating that the shear bands are narrower than those

f P2. Careful measurements showed that the average width of the
hear bands in P1 is 0.16 �m, while it is 0.24 �m for P2 in zone B.
he meniscus top cannot be clearly seen and the ridges of the pat-
erns are blunting (arrow 1 in the inset in Fig. 6a), which can be
xplained by shear-induced structural change and adiabatic heat-

[
[
[
[

[

12.4 ± 0.9 263.4 ± 10.2

ing, resulting in local softening (see arrows 2 and 3 in the inset in
Fig. 6a). Previous studies [33–35] showed that the fracture of brittle
materials always happens with a very high velocity, about 0.7–0.9
�R, with a dynamic instability (�R is the Rayleigh wave velocity,
about 4.5 km/s). The dynamic crack propagation velocity can reach
a high value for the alloy studied here. It should be noted that the
driving force for crack propagation is provided by the stored elastic
energy. Zhang et al. [36,37] indicated that a static elastic energy
density in front of a crack tip can be expressed as G = �2

s /2ES ,
where ES is the static elastic modulus and � is the static fracture
strength. Based on Table 1, the static elastic energy densities were
calculated to be ∼13.77, ∼15.31 and ∼18.58 MJ m−3 for P1, P2 and
P3, respectively. During the fracture process, although P1 has the
smallest elastic energy density, the shear bands of P1 were too nar-
row (0.16 �m) to diffuse the excess elastic energy away in a very
short time, resulting in adiabatic heating with a great temperature
rising and contributing to the local melting and softening.

4. Conclusion

Fe76.5Cu1Si13.5B9 alloy rods have been successfully fabricated
using the copper mold suction casting method. The alloy has dif-
ferent microstructures along the casting direction of the rods,
including a complete amorphous part, an amorphous/crystalline
mixture part and a complete crystalline part. The part with the com-
plete crystalline structure shows the highest strength, hardness
and elastic modulus, while the part with the complete amorphous
structure presents the lowest strength, hardness and elastic mod-
ulus. The variations of the fracture surfaces of the different part of
the rod can be explained by different fracture modes.
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